Large-scale atomistic simulations are performed to study different mechanisms of plastic deformation in uncapped submicron thin polycrystalline copper films. It was recently shown that diffusional mass transport along grain boundaries in thin films leads to the formation of a novel defect identified as a diffusion wedge (Gao et al 1999 Acta Mater. 47 2865. Eventually, a crack-like stress field develops near the grain boundary-substrate junction as tractions along the grain boundaries relax under the constraint that the adhesion between film and substrate prohibits strain relaxation close to the interface. The emergence of crack-like stress concentration causes nucleation of an unexpected class of dislocations near the root of the grain boundary on glide planes parallel to the film surface. These dislocations are unexpected because there is no driving force for parallel glide (PG) in the overall biaxial stress field. In this work, we demonstrate that PG dislocations dominate plasticity in polycrystalline submicron thin films when tractions along the grain boundaries are relaxed by diffusional creep. We illustrate that partial dislocations play an important role in plasticity of nanostructured thin films and that the grain boundary structure has a significant influence on dislocation density in neighbouring grains. To allow modelling of thicker films, we propose a discrete dislocation model of diffusional creep to investigate the effect of PG on the flow stress of submicron films. A deformation map summarizes the range of dominance of different strain relaxation mechanisms in ultra-thin films. We show that besides the classical 'threading dislocation' regime, there are numerous novel mechanisms once the film thickness approaches the nanoscale.
Introduction
Polycrystalline thin metal films are frequently deposited on substrate materials to build complex microelectronic devices. In many applications and during the manufacturing process, thin films are subject to stresses due to a thermal mismatch between the film material and the substrate. This is known to have a significant effect on the production yield as well as on the performance and reliability of devices in service. In past years, an ever increasing trend to miniaturization of technology has been observed, stressing the necessity to investigate the deformation behaviour of ultra-thin films.
Different inelastic deformation mechanisms operate to relax the internal and external stresses in a thin film. Experiments show that for films of thicknesses between approximately 2 and 0.5 µm, the flow stress of the structure increases inversely proportional to the film thickness (see, e.g. [36, 22, 21] ). This has been attributed to dislocation channelling through the film [12, 29, 30] , where a moving threading dislocation leaves behind interfacial segments. The relative energetical effort to generate these interfacial dislocations increases with decreasing film thickness, which explains the higher strength of thinner films. This model, however, could not completely explain the high strength of thin films found in experiments [21] . More recent theoretical and experimental work [37, 10, 24, 38, 4] indicates that the strength of thin metal films often results from a lack of active dislocation sources rather than from the energetical effort associated with dislocation motion.
The regime where plastic relaxation is limited by dislocation nucleation and carried by glide of threading dislocations reaches down to film thicknesses of about h f ≈ 400 nm. For yet thinner films, experiments reveal a film-thickness-independent flow stress [4] . In in situ transmission electron microscopic observations of the deformation of such ultra-thin films, dislocation motion parallel to the film-substrate interface has been observed [10, 4] . This glide mechanism is unexpected because in the global biaxial stress field, there is no resolved shear stress on parallel glide (PG) planes. This indicates that there must be a mechanism involving long-range internal stresses that decay only slowly on the length scale of the film thickness. For sufficiently thin films, these internal stresses have a pronounced effect on the mechanical behaviour.
Molecular dynamics (MD) simulations are a very useful tool to study the atomic details of materials failure processes [6] . Recent large-scale MD simulations show that today's supercomputers allow for models approaching the micrometre scale [2, 1] , demonstrating the enormous capability and potential of the method.
The plan of this paper is as follows. We review the existing literature on plasticity of submicron thin films and discuss the studies reported in this paper with respect to previously published work. We continue with a description of our atomistic models and then present atomistic simulation results with systems containing up to 35 000 000 atoms. To model thicker films and longer time spans, we discuss a discrete dislocation model of constrained diffusional creep. The results of the studies reported in this paper and previous theoretical and numerical studies as well as experiments carried out by other groups are finally summarized in a deformation map.
Literature review and motivation for the present study
In this section, we summarize previously published work on modelling of constrained grain boundary diffusion in submicron thin films and provide an outline of this paper.
Continuum mechanics modelling of constrained diffusional creep
A possible cause for long-range internal stresses has been identified in the constrained diffusional creep in thin film geometries, where diffusion occurs on the film surface and in the grain boundary under the constraint of the substrate. Grain boundary diffusion in the columnar Figure 1 . Geometry of a polycrystalline thin film and model of constrained diffusional creep. Schematics of constrained diffusional creep in which material is transported from the film surface into grain boundaries, leading to a crack-like displacement field causing emission of dislocations on glide planes parallel to the film surface. The red '×' mark the stress concentration.
microstructure of thin films on substrates proceeds predominantly in one direction, relaxing the tractions along the grain boundaries from the top to the root. Due to the strong bonding between film and substrate, a stress concentration at the root of the grain boundary builds up, leading to a singular, crack-like stress field in the film as grain boundary tractions are relaxed.
Because the material inserted into the grain boundary by diffusion takes the shape of a wedge, this new class of defects has been referred to as a diffusion wedge [13, 43] . Figure 1 summarizes this model, including the occurrence of PG dislocations. The timescale at which diffusion takes place is usually much larger than that of dislocation glide. However, in the nanoscaled structures investigated here, the model can explain the observed deformation rates even at room temperature because the timescale of diffusional creep is proportional to the cube of the characteristic structural length.
Atomistic modelling of constrained diffusional creep
While the continuum model [13, 43] of constrained diffusional creep has been very successful in explaining the origin of the internal stresses in thin films, it can neither yield a description of the nucleation process of PG dislocations from the diffusion wedge nor incorporate the PG mechanism into the prediction of residual stresses in a film.
To investigate the mechanisms associated with creep in thin films, MD simulations of constrained diffusional creep in a quasi-two-dimensional geometry were carried out recently [8, 9] . The objective of these studies was to investigate the dislocation nucleation process from diffusion wedges in thin films. The model considered in [8] comprised a bicrystal with one grain boundary between two misoriented grains, similar to the geometry adopted in the original continuum mechanics model [13] .
The authors used a classical MD scheme to study diffusive processes in the grain boundary. As typical for MD simulations, a rather high strain rate of 10 7 was applied in the simulation. It was found that extremely large stresses beyond 1.6 GPa are necessary to initiate diffusion. To make the diffusive processes accessible to the MD timescale, the simulations are carried out at temperatures between 80% and 90% of the melting temperature. Prior to the results discussed in [8] , similar studies have been reported by other groups for bulk grain boundary diffusion [40, 41] . The reason for diffusion to be accessible to the timescale of classical MD simulation is that the grain boundary structure transforms into a disordered region at elevated temperatures. Recent work [40, 18, 19] suggests that at elevated temperatures, the grain boundary structure of metals may transform into a liquid-like structure with a width of 1-2 nm, referred to as a 'glassy phase'. Glassy phases in grain boundaries were found in copper at homologous temperatures as low as T h ≈ 0.4 [23, 19] . Experimental evidence for glassy intergranular phases was discussed in [5] , for instance. It is expected that such a phase transformation at the grain boundary plays a significant role in the plastic properties at elevated temperatures because the grain boundary structure has significant influence on the diffusivities [18, 19] . A further discussion on the topic is found in a recent review article [39] .
In the studies summarized in [8] , the strain rate is adjusted during the simulations to ensure that the stress at the grain boundary remains sufficiently low. The only deformation mechanism allowed is diffusional creep in the grain boundary. Whenever activation of a different mechanism such as threading dislocations is observed, the simulation is restarted at a lower stress and the strain rate is lowered. This procedure has proven to allow more time for diffusive processes and effectively shut down competing mechanisms.
The main result reported in [8] is that surface and grain boundary diffusion leads to a mass transport from the surface into the grain boundary and to the formation of a diffusion wedge. The formation of a diffusion wedge, which was first predicted by the continuum theory [13] , is indeed observed in the MD simulations. Accumulation of material in the grain boundary region causes a crack-like displacement field, which in turn is shown to cause emission of PG dislocations. To illustrate diffusional motion of atoms in the grain boundary, each atom is coloured according to its diffusive displacement,
(1) Figure 2 shows the results and illustrates that diffusion leads to significant surface grooving with a depth up to several nanometres. Also, one can clearly identify the wedge geometry of the diffused atoms. It was reported [8] that the displacement field near the diffusion wedge indeed becomes crack-like, as predicted by the continuum theory [13] . A pronounced stress concentration at the root of the grain boundary develops on the timescale of several nanoseconds. Once a sufficiently high local stress concentration level is reached and a critical resolved shear stress on the PG plane is exceeded, a dislocation dipole is formed at the root of the grain boundary, as shown in figure 3(a) . One dislocation of this dipole glides away from the grain boundary, while the other stays in the grain boundary and subsequently merges with the diffusion wedge by climb. This can be envisaged as an annihilation process between the remaining dislocation and a dislocation of opposite sign in the diffusion wedge. The slip plane of the glissile dislocation is parallel to and situated at a few Burgers vectors above the film-substrate interface. The simulation results of the nucleation of PG dislocations from a cracked grain boundary are shown in figure 3(b) . This result is very important since it shows that a diffusion wedge indeed behaves similar to a crack. An important consequence is that grain boundaries in thin films can be treated as a crack in a first approximation.
The conditions for PG dislocation nucleation have been expressed in a general formulation [8] where the critical stress intensity factor governing dislocation nucleation from a diffusion wedge is found to have a typical value K PG dw ≈ 11.5 MPa × m s . The parameter s ≈ 0.31 is the singularity exponent of a crack near a rigid substrate [8] . The stress intensity factor at the root of a crack-like diffusion wedge adjacent to the rigid substrate is given by
indicating that the critical lateral stress, σ 0 , for initiation of PG dislocations from a diffusion wedge scales as
The results of the MD simulations of diffusional creep discussed in [8] are summarized as follows.
(i) Grain boundary diffusion causes insertion of a material wedge in the grain boundary to relax stress. Such diffusion wedges induce a crack-like singular stress field near the root of the grain boundary. (ii) From the MD simulations, a critical stress intensity factor is extracted as a condition for nucleation of PG dislocations. (iii) The simulation results suggests that when grain boundary diffusion is active, the grain boundary can be treated as a crack in a first approximation.
Motivation for the present studies
In contrast to the simple bicrystal geometry used in previous numerical studies [8] , experiments are carried out in polycrystalline thin films [10, 4] . The first goal is hence to extend the quasi-two-dimensional studies of constrained diffusional creep to more realistic polycrystalline microstructures. We will investigate plasticity of thin films with and without traction relaxation along the grain boundaries. The continuum model and the quasi-two-dimensional geometry of previous atomistic simulation of plasticity in thin films could not provide a clear understanding of dislocation nucleation processes from the grain boundaries. However, this is critically important to form a clear picture of thin film plasticity. Therefore, another objective of this paper is to study the details of the dislocation nucleation process near the grain boundarysubstrate interface. We show that the grain boundary structure has a significant influence on the dislocation nucleation process and illustrate that the role of partial dislocations is important in very thin films with very small grain diameters. Although the MD simulations of constrained diffusional creep were carried out in film thicknesses ranging from 5 to 35 nm [8] , much larger film thicknesses cannot be simulated due to timescale restrictions. Therefore, we propose to couple the MD simulation results to mesoscopic discrete dislocation simulations within a framework of hierarchical multi-scale modelling. The nucleation criterion of PG dislocations based on a critical stress intensity factor at the diffusion wedge will be translated into a discrete dislocation dynamics description of the diffusional creep. This model is capable of predicting the flow stress of thin films for a large variety of conditions. Based on the mesoscopic simulations, we show that very thin films, in which diffusional creep and PG dislocations become the dominant deformation mechanism, feature a finite yield strength independent of the film thickness, in agreement with experimental observations [4] . This study exemplifies the hierarchical use of MD and mesoscopic materials simulation methods.
Our research reveals that once the film thickness approaches the nanoscale, the classical description [12, 29, 30] of thin film plasticity does not apply any more. In the literature, there is no clear description and overview of the deformation mechanisms of such very thin uncapped films as a function of the film thickness. Therefore, we summarize the available theoretical, numerical and experimental results of plasticity of ultra-thin copper films in a deformation map, illustrating the different regimes of plastic deformation mechanisms. We show that besides the classical 'threading dislocation' regime, there are several novel mechanisms once the film thickness approaches the nanoscale.
Atomistic modelling
Here, we summarize the details of the atomistic modelling procedure.
Modelling of a grain triple junction
To focus on the nucleation process of dislocations and the effect of different types of grain boundaries in detail, we consider a tricrystal model with a triple junction between three grains. The model is constructed such that it features two high-energy grain boundaries and one lowenergy grain boundary. The schematic geometry is shown in figure 4(a). As indicated in figure 4(a), cracked grain boundaries with traction-free surfaces along z c < z < h f are used to mimic the existence of diffusion wedges in all the grain boundaries. We choose z c ≈ 1.5 nm so that the crack does not reach the substrate. This is motivated by earlier simulation work [8] showing that the glide plane of dislocations is not directly at the substrate but a few atomic layers above. Loading is applied by prescribing a displacement to the outermost rows at the boundary of the quadratic slab.
Grain 1 has the reference configuration ([110] in the x-direction, [112] in the y-direction). Grain 2 is rotated counterclockwise by 7.4˚, and grain 3 is rotated by 35˚with respect to grain 1. The low-energy grain boundary is situated between grains 1 and 2, and the two highenergy grain boundaries are between grains 2 and 3 and between 3 and 1. The structure of the low-energy grain boundary is significantly different from that of the high-energy ones. The former is essentially composed of a periodic array of misfit dislocations, with a strongly inhomogeneous distribution of strain energy along the grain boundary. In contrast, the strain energy along the high-energy grain boundaries is more homogeneously distributed. After creation of the sample, the structure is annealed for a few picoseconds and then relaxed for a few thousand integration steps using an energy minimization scheme.
Modelling of polycrystalline thin films
The other model is a polycrystalline thin film consisting of hexagonal shaped grains, as shown in figure 4(b). This geometry is similar to films investigated in experiments [3, 10] and is used to study dislocation nucleation and motion from grain boundaries and a crack-grain boundary interface. The simulation cell is fully periodic in the x-and y-directions. Loading is applied by straining the sample homogeneously.
As indicated in figure 4(b), cracked grain boundaries with traction-free surfaces (along z c < z < h f , where z c ≈ 1.5 nm) are used to mimic the existence of diffusion wedges in some of the grain boundaries. Grain 1 is in the reference configuration ([110] in the x-direction, [112] in the y-direction). Grain 2 is rotated counterclockwise by 7.4˚, grain 3 is rotated by 35˚, and grain 4 is rotated by 21.8˚with respect to grain 1. The model contains up to 35 million particles. With this procedure, a low-energy grain boundary is constructed between grains 3 and 4. After creation of the sample, the structure is relaxed for a few thousand integration steps using an energy minimization scheme.
Modelling of the substrate
The boundary conditions of all models are chosen such that atoms close to the film-substrate interface are pinned to their initial locations, mimicking perfect adhesion of a film on a stiff substrate. After the initial atomic configuration is created, a global energy minimization scheme is applied to relax the structure.
The studies are carried out using a microcanonical (NVE) ensemble with a quasi-static energy minimization scheme. The strain in the samples is gradually increased up to 2.5%. The simulations are carried out using the ITAP-IMD MD code [34, 31] , suitable for large-scale simulations. We use a multi-body embedded atom (EAM) potential for copper developed by Mishin and coworkers [26] .
Analysis techniques
The simulation results are analysed with the centrosymmetry technique [20] , which is a convenient way to discriminate between different defects such as partial dislocations, stacking faults, grain boundaries, surfaces and surface steps. In some cases, we will also use the slip vector technique proposed recently [44] . This method allows us to extract quantitative information about the Burgers vector and slip plane of dislocations immediately from the simulation data.
Atomistic simulation results
We will investigate plasticity of thin films with and without traction relaxation and study the details of the dislocation nucleation process near the grain boundary-substrate interface. We start with a tricrystal model and continue with a polycrystalline model of thin films. Dislocation mechanisms associated with grain boundary cracks will be compared and related to experimental results.
Nucleation of PG dislocations from a grain triple junction
In this section, we focus on the details of dislocation nucleation close to a triple junction between three grains misoriented with respect to one another.
We only consider the case when grain boundary tractions are completely relaxed along the grain boundary, mimicking the crack-like stress field of a diffusion wedge. We reiterate that computer simulation has shown that grain boundaries could be treated as traction-free surfaces once grain boundary diffusion is sufficiently fast [8] . As soon as a threshold stress is overcome during loading, the generation of PG dislocations from the grain boundaries is initiated. Snapshots of this processes are shown in figure 5 .
We begin with a description of the nucleation process from the low-energy grain boundary between grains 1 and 2. This boundary is composed of an array of misfit grain boundary dislocations that serve simultaneously as multiple nucleation sites for new dislocations. The nucleation sites are therefore not necessarily located close to the triple junction, the region of largest shear stresses. This observation could be reproduced in different geometries. A small number of incipient dislocations grow along the low-energy grain boundary and coalesce to form dislocation half-loops. This mechanism is also visualized schematically in figure 6 . In figure 7 , we show that deformation twinning occurs due to repeated nucleation of partial dislocations with the same Burgers vector.
An interesting observation in our simulations is that some dislocations are strongly bowed at defect junctions. Dislocation junctions obstructing further glide motion are highlighted in figure 8. The reason for this effect is that the glide planes of the incipient half-loops of partial dislocations are different but have the same Burgers vector. Using the slip vector approach proposed by Zimmerman and coworkers [44] , we have verified that the Burgers vectors of the dislocations nucleated in each grain are indeed identical. Once different half-loops grow, they combine with each other while forming jogs since they glide on different glide planes. The jog has a non-glissile component, and cannot move conservatively [17] , thus causing generation of point defects. This, in turn, exerts a drag force on dislocations, causing the dislocation lines to bow. This phenomenon will be discussed in a forthcoming publication in more detail [7] .
In the case of high-energy grain boundaries (as between grains 2 and 3) with a more homogeneous structure, nucleation of PG dislocations is found to occur preferably at the triple junction. The process proceeds with an incipient dislocation growing until the second partial is emitted. The PG dislocations often have semi-circular shapes as observed in early stages of dislocation nucleation in experiment [3, 10] . In contrast to the low-energy grain boundary, where misfit dislocations serve as nucleation sites for new dislocations, the triple junction acts as the main nucleation source at high-energy grain boundaries.
PG versus threading dislocations in polycrystalline thin films
Experimental results suggest that threading and PG dislocations are competing mechanisms [3, 10, 4] in submicron, uncapped thin films on substrates. Atomistic modelling of thin film plasticity at the nanoscale provides an ideal tool to study such competing mechanisms and to determine conditions under which they are active.
In this section, we show by atomistic simulation with up to 35 million particles that relaxation of tractions along the grain boundaries yields nucleation of PG dislocations rather than threading dislocations. Grain boundaries are important sources for dislocations in nanostructured materials. We illustrate that the structure of the grain boundaries has significant influence on the motion of dislocations into the grain interior. Furthermore, we find that the role of partial dislocations seems to be increasingly important as the grain size approaches the nanoscale.
Threading dislocations.
We start with the polycrystalline sample without relaxation of tractions along the grain boundaries, corresponding to the case when grain boundary diffusion is not active. The simulation results are depicted in figures 9 and 10. In this case, the dominating inelastic deformation mechanism is clearly glide of threading dislocations on inclined glide planes. No dislocations on glide planes parallel to the film surface are observed as expected because there is no resolved shear stress and thus no driving force for dislocations on PG planes. Figure 9 (a) reveals a complex dislocation structure in the interior of the film. Figure 9 (b) shows a more detailed magnified view of a section of the film. Threading dislocations are observed to leave behind interfacial dislocation segments at the film-substrate interface and atomic steps at the film surface. Figure 10 shows snapshots of a top view of the film surface at different times, including a magnified view of the surface at snapshot 4 in figure 10 . From the number of surface steps (coloured in red) created during plastic deformation, it is evident that dislocation motion concentrates in grains adjacent to low-energy grain boundaries that apparently provide more fertile sources for dislocation nucleation (within grains 1 and 2). This can also be verified in figure 9 (b). The dislocation density in grains 3 and 4 is several times higher than that in grains 1 and 2.
PG dislocations.
In the following, some of the grain boundaries are treated as tractionfree cracks (cf figure 4(a) ), as suggested by the results in [13, 8] . In figure 11 , we show several snapshots of the dislocation structure. PG dislocations are generated close to the film-substrate interface. Figure 11 (a) shows a top view, while figure 11(b) shows a perspective side view of the interior of the film. The section shown has dimensions of approximately 120 nm × 150 nm, and the film thickness is h f ≈ 15 nm. The grain diameter in the x-direction is approximately d x ≈ 40 nm. This plot reveals that not only PG but also some threading dislocations are generated at the grain boundary-surface interface. Figure 12 (a) shows the simulation results with a larger grain size. The section shown has dimensions of approximately 300 nm × 400 nm; the film thickness is h f ≈ 15 nm. The grain diameter in the x-direction is approximately d x ≈ 180 nm, about four times larger than in figure 11 , while the film thickness is kept constant at h f ≈ 15 nm.
More dislocations are observed to nucleate than in figure 11 , indicating that more dislocations 'fit' into the larger grain, and consequently, a more complex dislocation microstructure develops. As the laterally applied strain is continuously increased, the first dislocations to be nucleated are occasionally complete dislocations, while the following dislocations are often pure partials. Figure 12 (b) shows a view of the surface of the results shown in snapshot 2 of figure 12(a) , revealing surface steps generated from the motion of threading dislocations. Even when the traction of some of the grain boundaries are relaxed, threading dislocations occur. The figure shows that threading dislocations are predominantly nucleated at the junction between traction-free grain boundaries and normal grain boundaries where traction is not relaxed.
We observe that dislocations cannot glide as easily along the low-energy grain boundaries as along the more homogeneous high-energy grain boundaries between grains 1 and 2. This can be verified in figure 11(a) . While an extended dislocation (marked by 'PG') in grain 1 is almost a straight line, all dislocations in grains 3 and 4 are strongly curved. Figure 13 shows the complex dislocation network of partial PG dislocations that develops inside the grains. In this plot, the stacking fault planes are not shown. The bowing of the dislocations indicates that their motion is hindered by mutual interaction.
Summary and discussion of MD results.
The simulation results can be summarized as follows:
(i) Threading dislocations dominate deformation when tractions along the grain boundaries are not relaxed. However, if the grain boundary tractions are relaxed, PG dislocations dominate the plasticity of ultra-thin films (h f ≈ 15 nm). Almost all plasticity is carried on glide planes that are very close to each other. (ii) Dislocation nucleation depends on the grain boundary structure: low-energy grain boundaries composed of an array of misfit dislocations provide more fertile sources of dislocations than high-energy grain boundaries with a more homogeneous structure. We find that the dislocation density is a few times higher in grains connected by low-angle grain boundaries. (iii) Different PG dislocations can interact in a complex way to form networks of dislocations, as shown in figure 13 (a blow-up picture, showing only partial dislocations and grain boundaries while filtering out the stacking faults).
We find that partial dislocations dominate plasticity in the simulations. We also observe some extended dislocations, as for instance seen in figure 12(a) in the second snapshot. However, the centrosymmetry analysis reveals that stacking fault planes extend almost throughout the whole grain. This can be verified by the green regions in figure 12(a) . This clearly shows that partial dislocations dominate plasticity at the nanoscale. Similar observations have been reported by other groups [35, 39] .
Another important feature is that PG dislocations do not glide as easily along inhomogeneous low-angle grain boundaries as they do along homogeneous high-energy grain boundaries, as shown in figure 11(a) . This is explained by the fact that the low-energy grain boundaries are composed of an array of misfit dislocations and are thus rather inhomogeneous. A similar mechanism has been observed in experiment. In [4] , it was reported that dislocations are effectively repelled from certain types of grain boundaries, causing significant bowing. Figure 11 (b) reveals that not only PG but also some threading dislocations are generated at the grain boundary-surface interface. This observation is in qualitative agreement with experiment [4] .
Discrete dislocation model of diffusional creep and PG dislocation nucleation
The atomistic model of constrained diffusional creep allows for a very fundamental description of the problem. However, this approach is limited with respect to the length and timescales that can be investigated. To overcome these limitations, a discrete dislocation model of creep in the thin film geometry has been set up.
Modelling
The model follows the well-known discrete dislocation models in two and three dimensions described in the literature (see, e.g. [32, 16, 37, 38, 28] for thin film plasticity). In such models, dislocations are considered sources of stress and strain in a linear elastic continuum. In the twodimensional model underlying this work, the stress and strain fields of straight dislocations in a bicrystal are calculated according to Mura's solution [27] . The free surface boundary conditions of the film is established by the decomposition of the problem into calculating stress and strain in an infinite medium and compensating the surface tractions by counter forces [25] . In this work, these counter forces are produced by a surface layer of virtual dislocations with non-lattice Burgers vectors. The distribution of the virtual dislocations that compensates the surface tractions is calculated with a boundary integral method. The Green's function for the boundary integral is constructed following the approach of Gutkin and Romanov [14] . Once the surface distribution of the virtual dislocations is known, their stress and strain field within the medium can again be calculated by evaluating Mura's equations. The details of this method will be discussed elsewhere [15] . No special boundary conditions are employed at the lateral boundaries of the simulation domain, rendering the geometry effectively as an infinite strip of material on a substrate. This geometry, together with the active slip planes, is represented in figure 14 .
With this simulation scheme, the elastic interactions of all climb and glide dislocations contained in a thin film structure can accurately be calculated. Once the elastic driving force on a dislocation is known, its velocity can be calculated. In the following, we assume overdamped dislocation motion, i.e. the dislocation velocity is directly proportional to the driving force. Dislocation climb is assumed to occur 100 times slower than dislocation glide under the same driving force. Grain boundaries are assumed to absorb glide dislocations, i.e. dislocations moving into the grain boundaries are deleted within the simulation scheme. The grain sizefilm thickness ratio is kept at a constant value of d/ h f = 3 in this work. The effects of different grain sizes and different treatments of grain boundaries are discussed in [15] .
The phenomenological rules for dislocation nucleation are explained in the following. As shown in figure 14 , two different kinds of dislocation sources are considered. The rule determining the generation of a new climb dislocation is based on the force on a test dislocation at a given source position at distance d src from the surface. If the total force drives this test dislocation into the film, the dislocation is considered as being nucleated and it further participates in the dynamical simulation in the usual manner. This method gives an upper limit for the dislocation generation rate because all dislocations that can self-consistently be nucleated from a fixed source are effectively produced. These dislocations climb along the grain boundary and pile up against the film/substrate interface, which leads to a crack-like stress concentration. Thus, the climb pile up effectively represents a grain boundary diffusion wedge.
The criterion for the generation of PG dislocations follows similar lines, except that a dislocation dipole, rather than a single dislocation, is used as the test dislocation. The critical stress to separate the dislocations in the dipole is then dependent on the dipole width as well as on the distance of the dipole from the diffusion wedge. In the case when the stress acting on the dipole is smaller than the necessary stress to expand it, the dipole will collapse and dislocation nucleation cannot occur self-consistently. Thus, this method gives again an upper limit for the production rate of PG dislocations.
The phenomenological rules for the nucleation of climb and glide dislocations critically depend on input parameters. For the nucleation of climb dislocations, the distance of the dislocation source to the surface is the critical parameter determining the stress at which the source becomes active. The influence of this parameter is investigated in the following. For the nucleation of PG dislocations, both the distance of the dislocation source to the diffusion wedge and the separation of the dislocations in the dipole determine the critical stress level for dislocation nucleation. The dipole separation is chosen such that the dipole is stable under a shear stress of τ crit = 0.6 GPa. The position of the dislocation source from the diffusion wedge is adjusted such that this stress level is reached when the effective stress intensity factor of the diffusion wedge reaches the critical value obtained from MD simulations [8] . Thus, the MD simulations are used to validate critical parameters of the DDD scheme in a hierarchical multi-scale simulation approach. Once a dislocation is nucleated, one part of the dipole is attracted rapidly to the diffusion wedge, where it annihilates. The other part of the dislocation dipole is repelled from the diffusion wedge. The back stress of this dislocation and the annihilation of the dislocation in the diffusion wedge prohibit further dislocation nucleation until the dislocation has moved sufficiently far and the stress concentration is built up again by diffusional climb. Thus, the nucleation rate is determined intrinsically by the dislocation mobilities and no artificial timescale needs to be introduced. Further details about the method are given in another publication [15] .
The dependence of the flow stress of a thin film on these input parameters is investigated in the following, and the results obtained with the parameters derived from MD simulations are compared with experimental results.
Flow stress of thin films with PG
The results shown here are obtained by straining a slab of material elastically up to a stress σ 0 = 3 GPa. After that the material is allowed to relax plastically according to the rules for dislocation nucleation and dislocation motion described above. The flow stress, σ inf , of the thin film is defined as the stress obtained by this relaxation in the long-time limit (t → ∞). This flow stress is investigated as a function of the film thickness as well as of the nucleation criteria for climb and glide dislocations. In all discrete dislocation dynamics simulations represented here, the shear modulus is G = 44 GPa, Poisson's ratio ν = 0.33 and Burgers vector b = 0.26 nm.
In figure 15 , the influence of the film thickness on the flow is investigated. Any fixed value for the source position, d src , gives a constant strength except for the smallest films (h f 60 nm) that show a slightly increased flow stress. In a further study, the distance of the climb source to the film surface has been set at a value of 10% of the film thickness, which renders the flow stress inversely proportional to the film thickness. Moreover, the value of the flow stress is significantly smaller than in the case of a fixed source close to the surface.
The critical shear stress, τ crit , for nucleation of PG dislocations is varied between 0.3 and 1.5 GPa, with τ crit = 0.6 GPa being the value corresponding to the findings of the MD simulations described above. The results of these simulations are shown in figure 16 . It is seen that for sufficiently thick films, the influence of this parameter is very small. Only when its value is high enough to effectively inhibit the nucleation of PG dislocations, i.e. τ crit 0.9 GPa, does the flow stress rise sharply. These simulations have been conducted for comparatively easy nucleation of climb dislocations (d src = 2.6 nm, cf figure 15). For higher threshold stresses for the initiation of grain boundary diffusion, the effect of τ crit is still smaller even for the thinnest films.
Discussion
Our simulations show that relaxation of grain boundary tractions changes the dislocation microstructure and triggers completely different stress relaxation mechanisms in thin films. Without relaxation of grain boundary tractions, threading dislocations dominate thin film plasticity, while under grain boundary diffusion, dislocations on PG planes dominate. Threading dislocations are found to be mostly complete dislocations, while we see a strong tendency to nucleate partial dislocations in the case of PG dislocations in the nanometre-sized grains investigated here. This is qualitatively consistent with results of atomistic modelling of deformation of nanocrystalline materials [35, 42, 39] . At the nanoscale, the role of partial dislocations becomes increasingly important! Twinning along parallel planes might become an important deformation mechanism at high strain rates, as shown in figure 7 . The transition of the deformation mechanism from threading dislocations to PG dislocations is also observed in recent experimental investigations [3, 10] . Experiment clearly shows that once grain boundary diffusion is shut down in very thick films or by a capping layer, threading dislocations dominate plasticity [3, 10, 4] . When grain boundary diffusion is active because there is no capping layer or the film thickness is sufficiently small, PG dislocations dominate. This indicates that mechanisms relaxing the grain boundary tractions are active during the deformation of ultra-thin films. Experimental results are in good qualitative agreement with the MD results reported in this work.
We observe that low-energy grain boundaries composed of a periodic array of misfit dislocations provide more fertile sources for threading dislocation nucleation. At such a grain boundary, dislocations are often observed to nucleate close to grain boundary misfit dislocations. This can be referred to as an intrinsic condition because the concentration of internal grain boundary stresses serves as a nucleation site for dislocations. Since the incipient dislocations are often nucleated at different glide planes, complex dislocation reactions take place when several of them combine to form a single dislocation line. Such mechanisms can hinder dislocation motion and cause bowing of the dislocation line.
In the more homogeneous high-energy grain boundaries, there is inherently no preferred nucleation site, with triple junctions of grain boundaries preferred as nucleation site. In this case, the overall stress field governs dislocation nucleation since such a triple junction provides a location with the highest stress concentration.
The existence of a threshold stress for the initiation of grain boundary diffusion cannot be explained by the continuum model [13] , but it follows immediately from the treatment of grain boundary diffusion as a climb of dislocations in the discrete dislocation simulations. The critical stress level for a dislocation to exist in equilibrium at distance d src from the surface is given as [17] 
If the stress is smaller than that threshold, the image force will drag the dislocation immediately to the free surface. The critical stress for the initiation of grain boundary diffusion resulting from the MD simulations reported in [8] agrees well with a value of d src = 3 b = 0.78 nm. An important result is that even in the MD simulation that does not a priori assume grain boundary diffusion to occur in the form of a dislocation climb, there exists such a critical stress that is independent of the film thickness. From the thermodynamic point of view, this is unexpected since diffusion should start at infinitesimal stresses, provided that sources for the diffusive processes are present. We note here that the observed finite threshold stress could, in principle, be a consequence quasi-two-dimensional geometry used in the simulations reported in [8] . However, in experiment, it is also observed that for stresses below a threshold magnitude of several hundred megapascals, no diffusion occurs even at elevated temperatures [10] . Further research will be necessary to clarify this point.
From the discrete dislocation model, one can conclude that the flow stress of a thin film under grain boundary diffusion conditions is given by the threshold stress for initiation of grain boundary diffusion. This diffusion threshold stress is so large that the critical stress intensity factor for PG dislocation nucleation is easily achieved. Under these conditions, the nucleation of PG dislocations is a necessary criterion to prevent the back stress of the climb pile up in the grain boundary from stopping further climb relaxation.
Deformation map of ultra-thin uncapped copper films
The results from the numerical modelling reported in this paper and previous studies [8] together with experimental findings reported by different authors [4] allow us to qualitatively describe different deformation mechanisms that occur in thin films in the submicron regime. We propose that there exist four different deformation regimes. These are (A) deformation with threading dislocations, (B) constrained diffusional creep with subsequent parallel slip, (C) constrained diffusional creep without parallel slip and, finally, for the thinnest films, (D) no stress relaxation mechanism with no diffusion and no dislocation motion. A schematic 'deformation map' is plotted in figure 17(a) . This plot shows the critical applied stress to initiate different mechanisms of deformation as a function of the film thickness. We assume that the loading is applied very slowly and the temperature is sufficiently high such that diffusive processes are generally admitted.
The critical applied stress to nucleate threading dislocations scales with 1/h f [12, 29, 30] . We note that 1/h f -scaling has been found in two-dimensional MD simulations [33] recently. Two-dimensional mesoscopic studies [28] revealed qualitatively that the flow stress increases with decreasing film thickness. For films thicker than a material-dependent value, regime (A) is the dominating deformation mechanism. For thinner films, the stress necessary to nucleate threading dislocations must be assumed larger than the stress to initiate grain boundary diffusion. In this regime (B), diffusion dominates stress relaxation and causes a plateau in the flow stress as shown by the discrete dislocation modelling. Parallel slip helps to maintain grain boundary diffusion until the overall stress level is below the diffusion threshold, which is independent of the film thickness. For yet thinner films, grain boundary diffusion stops before a sufficient stress concentration to trigger parallel slip is obtained, as suggested by our MD simulations. The onset of regime (C) can be described with the scaling of the critical nucleation stress for PG with 1/h s f (0 < s 0.5). In this regime, the flow stress increases again for smaller films due to the back stress of the climb dislocations in the grain boundary, effectively stopping further grain boundary diffusion. If the applied stress is lower than the critical stress for diffusion, no stress relaxation mechanism is possible. This is referred to as regime (D).
The yield stress of thin films resulting from these reflections is summarized in figure 17 (b) for different film thicknesses. For thicker films, the strength increases inversely proportional to the film thickness, as has been shown in many theoretical and experimental studies [21, 4, 29, 37] . If the film thickness is small enough such that grain boundary diffusion and PG are the prevailing deformation mechanisms, the film strength is essentially independent of h f , as shown by the discrete dislocation model and seen in experiment [4] . However, for films thinner than h f ≈ 30 nm, the modelling predicts an increase in strength with decreasing film thickness.
In figure 17 , the film thickness of h f ≈ 400 nm, below which the yield stress remains constant, and the plateau yield stress of 0.64 GPa are taken from experimental results of copper thin films [10, 4] . The critical film thickness of 25 nm in plot (a) is estimated based on equation (2) and the result for the critical K PG dw from MD simulations.
The role of interfaces and geometric confinement
Our studies show that interface properties and geometric confinement govern the deformation mechanisms in thin films. Important interfaces in a thin film are the film surface, the grain boundary between two neighbouring grains and the interface of film and substrate. The governing character of interface properties is found either when deformation is mediated by diffusional creep or by dislocation motion. As discussed in [40] , the grain boundary structure has a significant influence on the diffusivities and therefore determines how fast the tractions along the grain boundaries are relaxed and a singular stress field develops. The structure of the grain boundaries has also a significant influence on the details of dislocation nucleation: low-energy grain boundaries composed of arrays of misfit dislocations are fertile sources for dislocation nucleation, for both PG and threading dislocations. On the other hand, motion of PG dislocations through the grain may be hindered when such an inhomogeneous grain boundary structure is present. The geometrical constraint imposed by the size of the grain strongly influences the dislocation network that develops inside the grain. In very small grains of a few tens of nanometres, only one or two dislocations fit into a grain. In larger grains of several hundred nanometres, a much larger number of dislocations fit into each grain and may form a more complicated network.
Similar considerations may be critical towards understanding the fundamentally different behaviour of coarse-grained versus nanograined metals [35, 42, 39] .
Conclusions
The finding that grain boundary processes dominate the plasticity of materials in small dimensions has been reported previously [11, 40, 41] . Recent investigations of nanostructured bulk material suggest breakdown of classical dislocation mechanisms at the nanoscale [35, 39, 42] . This observation is reminiscent of the results obtained of the deformation mechanisms of submicron films reported here. At the nanoscale, the dynamics of partial dislocations becomes important. Our studies also show that interface properties govern the mechanisms of deformation in thin films. The structure of the grain boundaries plays an important role for the nucleation of dislocations. As an example, grain boundaries composed of arrays of misfit dislocations are found to be more fertile sources for dislocations than homogeneous grain boundaries. In the simulations, we find that the dislocation density is roughly three times higher in grains connected with grain boundaries that are composed of arrays of misfit dislocations.
In this work, the results of atomistic modelling have been successfully combined with mesoscopic discrete dislocation simulations within a framework of hierarchical multi-scale modelling. This illustrates the usefulness of this approach and its transferability to other material phenomena for which fully atomistic simulations are not feasible.
The results of our investigations and experiments by other groups are represented in a deformation map of thin-film plasticity. This deformation map summarizes some of the important features of the deformation mechanisms of ultra-thin films. The most important result is that beyond the classical threading dislocation regime, there exist several additional mechanisms of deformation. The examples reported in this article show the richness of phenomena that occur as the dimensions of materials are shrunk to the nanometre scale. For tomorrow's engineers such knowledge may be the key to successful design.
Future work could involve a systematic study of the effects of the grain size and film thickness on the mechanisms of plasticity.
